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RESEARCH  LABORATORIES  FOR  THE  ENGINEERING  SCIENCES 

Members  of  the  faculty  who  teach  at  the  undergraduate  and  graduate  levels  and  a  number  of 
professional  engineers  and  scientists  whose  primary  activity  is  research  generate  and  conduct  the 
investigations  that  make  up  the  school's  research  program.  The  School  of  Engineering  and  Applied  Science 
of  the  University  of  Virginia  believes  that  research  goes  hand  in  hand  with  teaching.  Early  in  the 
development  of  its  graduate  training  program,  the  School  recognized  that  men  and  women  engaged  in 
research  should  be  as  free  as  possible  of  the  administrative  duties  involved  in  sponsored  research.  In  1959, 
therefore,  the  Research  Laboratories  for  the  Engineering  Sciences  (RLES)  was  established  and  assigned  the 
administrative  responsibility  for  such  research  within  the  School. 

The  director  of  RLES-himself  a  faculty  member  and  researcher-maintains  familiarity  with  the 
support  requirements  of  the  research  under  way.  He  is  aided  by  an  Academic  Advisory  Committee  made  up 
of  a  faculty  representative  from  each  academic  department  of  the  School.  This  Committee  serves  to  inform 
RLES  of  the  needs  and  perspectives  of  the  research  program. 

In  addition  to  administrative  support,  RLES  is  charged  with  providing  certain  technical  assistance. 
Because  it  is  not  practical  for  each  department  to  become  self-sufficient  in  all  phases  of  the  supporting 
technology  essential  to  present-day  research,  RLES  makes  services  available  through  the  following  support 
groups:  Machine  Shop,  Instrumentation,  Facilities  Services,  Publications  (including  photographic  facilities), 
and  Computer  Terminal  Maintenance. 
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Single  crystal  a-Fe  whiskers,  grown  by  the  reduction  of  ferrous 
chloride  by  hydrogen  have  been  strained  to  fracture  in  an  Instron  ten¬ 
sile  testing  machine  and  in  a  bench  straining  device  at  various  elonga¬ 
tion  rates  at  room  temperature.  Whiskers  were  found  to  exhibit  macro¬ 
scopic  slip  behavior  strongly  dependent  upon  elongation  rate  while  the 
geometric  reduction  in  area  and  the  fracture  mode  remained  in  all  cases 
identical.  Ductile  rupture  of  iron  whiskers  produces  a  characteristically 
shaped  chisel-edge  fracture  whose  geometry  is  sensitive  to  crystal  orien¬ 
tation,  due  to  the  geometry  of  active  slip  systems,  but  which  is  not  a 
function  of  strain  rate.  The  micromechanisms  of  ductile  rupture  of  these 
single  crystals  are  strongly  affected  by  dislocation  dynamics.  The  de¬ 
velopment  of  dislocations  necessary  to  accommodate  an  extensive  reduction 
in  area  appears  to  be  independent  of  the  nature  of  surface  slip  observed. 
Dislocation  structures  form  small  volume  elements  which  are  separated 
from  one  another  by  dislocation  cell  walls.  The  accommodation  of  large 
strains  as  well  as  the  reduction  in  area  is  determined  by  the  movement 
of  dislocations  on  the  order  of  a  distance  equal  to  that  of  the  disloca¬ 
tion  cell  size.  The  boundaries  of  the  cell  and/or  the  cell  volume  could 
then  be  expected  to  be  specifically  related  to  the  site  where  the  initi¬ 
ation  of  fracture  occurs. 

a-Fe  single  crystals  of  high  purity  were  strained  to  fracture  by  in- 
situ  high  voltage  electron  microscopy.  This  method  permitted  recording 
of  events  leading  to  the  failure  of  the  crystal  at  high  magnifications. 
Specifically,  observations  were  made  regarding  the  first  step  in  the  frac¬ 
ture  mechanism,  namely  the  initiation  of  voids,  which  occurred  after  a 
dislocation  pattern  of  cells  had  developed.  The  cell  size  was  found  to  be 
a  few  tens  of  nanometers  in  diameter  and,  because  of  the  small  scale  of 
the  dislocation  patterns,  a  direct  observation  of  void  initiation  was  not 
possible.  However,  the  misorientation  between  cells  could  be  determined 
hv  electron  diffraction  techniques  leading  to  the  conclusion  that  void 
initiation  took  place  at  cell  walls  and  at  the  boundaries  of  deformation 
microtwins.  The  high  energy  of  these  interfaces  is  another  factor  sup¬ 
porting  the  above  conclusion. 
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Ductile  Fracture  Initiation  in  Pure  c*-Fe: 

Part  I.  Macroscopic  Observations  of  the 
Deformation  History  and  Failure  of  Crystals 


R.  N.  GARDNER  AND  H.  G.  F.  WILSDORF 

Single  crystal  a- Fe  whiskers,  grown  by  the  reduction  of  ferrous  chloride  by  hydrogen  have 
been  strained  to  fracture  in  an  Instron  tensile  testing  machine  and  in  a  bench  straining  de¬ 
vice  at  various  elongation  rates  at  room  temperature.  Whiskers  were  found  to  exhibit 
macroscopic  slip  behavior  strongly  dependent  upon  elongation  rate  while  the  geometric  re¬ 
duction  in  area  and  the  fracture  mode  remained  in  all  cases  identical.  Ductile  rupture  of 
iron  whiskers  produces  a  characteristically  shaped  chisel-edge  fracture  whose  geometry 
is  sensitive  to  crystal  orientation,  due  to  the  geometry  of  active  slip  systems,  but  which 
is  no  I  a  function  of  strain  rate.  The  micromechanisms  of  ductile  rupture  of  these  single 
crystals  are  strongly  affected  by  dislocation  dynamics.  The  development  of  dislocations 
necessary  to  accomodate  an  extensive  reduction  in  area  appears  to  be  independent  of  the 
nature  of  surface  slip  observed.  Dislocation  structures  form  small  volume  elements  which 
are  separated  from  one  another  by  dislocation  cell  walls.  The  accommodation  of  large  strains 
as  well  as  the  reduction  in  area  is  determined  by  the  movement  of  dislocations  on  the  order 
of  a  distance  equal  to  that  of  the  dislocation  cell  size.  The  boundaries  of  the  cell  and/or 
the  cell  volume  could  then  be  expected  to  be  specifically  related  to  the  site  where  the  in¬ 
itiation  of  fracture  occurs. 


T  HE  mode  of  ductile  fracture  in  metals  and  alloys  is 
dependent  upon  the  dislocation  structures  that  evolve 
during  the  deformation  history  of  a  crystal.  The  failure 
of  a  single  crystal  as  a  result  of  simple  shear  on  a 
primary  glide  plane  is  well  understood  whereas  rupture 
of  a  similar  crystal  necessitates  a  more  complex  ar¬ 
rangement  of  dislocations  and  requires  a  detailed  de¬ 
scription  of  phenomena  occurring  during  necking.  From 
this  description  we  may  then  identify  those  sites  where 
the  initiation  of  fracture  will  occur. 

The  basic  concepts  involved  in  fracture  initiation  in 
clean  metals  have  been  derived  from  a  number  of 
macroscopic  observations  of  the  strain  rate  depend¬ 
ence  of  the  appearance  of  glide  on  the  surface  of  metal 
crystals,  the  observed  geometry  of  reduction  in  area 
of  o-Fe  single  crystals,  as  well  as  a  complete  descrip¬ 
tion  of  the  deformation  history  of  single  crystal  iron 
whiskers  strained  to  fracture.1’’  Verification  of  the 
implied  micromechanisms  of  fracture  has  been  in¬ 
sured  by  their  direct  observation  during  in  siht  strain¬ 
ing  in  the  High  Voltage  Electron  microscope ,3~''  The 
dependence  of  slip  trace  depth  on  elongation  rate  in 
conjunction  with  the  observation  that  the  geometric  re¬ 
duction  in  area  is  elongation  rate  independent  demands 
an  accounting  of  dislocation  movements  on  the  order 
of  a  small  volume  rather  than  the  large  distances  giv¬ 
ing  rise  to  slip  steps.  This  is  of  fundamental  import¬ 
ance  to  a  description  of  the  micromechanisms  of  frac¬ 
ture.  The  information  gained  as  a  result  of  this  study 
has  helped  to  elucidate  several  critical  features  of 
ductile  fracture  of  metals  in  general. 
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EXPERIMENTAL 

Crystals  were  grown  by  the  reduction  of  ferrous 
chloride  by  hydrogen.  The  exact  nature  of  crystal 
growth  and  geometries  of  crystals  obtained  from  the 
growth  processes  have  been  summarized  elsewhere. 
Crystals  whose  initial  gage  length  approximated  in  all 
cases  0.5  cm,  were  strained  to  fracture  in  an  Instron 
tensile  testing  machine  as  well  as  a  bench  straining 
device,  at  elongation  rates  varying  from  10'  cm  s  to 
8.33  y  10‘  cm/s.  Crystals  were  characterized  both 
before  and  after  deformation  in  the  scanning  electron 
microscope  (SEM)  and  through  the  use  of  the  X-ray 
precession  method.” 

All  crystals  in  this  study  were  taken  from  the  same 
batch  (growth  boat)  in  order  to  minimize  effects  of  un¬ 
controlled  variation  in  quality  and  composition. 

RESULTS 

High  purity  single  crystal  a-Fe  whiskers  with  their 
stress  axes  parallel  to  (110),  fill),  (211  >,  or  (100)  were 
strained  to  fracture.  The  strengths  of  these  crystals 
varied  systematically  with  orientation  and  were  found 
to  be  in  the  range  of  0.6  to  9  ^  10"  pascals  (Pa). 

Three-stage  hardening  was  uniformly  exhibited  by 
the  majority  of  crystals  studied,  as  was  almost  100  pet 
reduction  in  area,  i.c.,  chisel  edge  fracture.  The  chisel 
edge  fracture  appeared  ’crystallographic'  in  nature. 
That  is,  edges  of  certain  orientations  were  consistently 
along  identical  directions,  these  directions  being  re¬ 
lated  to  the  initial  geometry,  and  reductions  in  area 
repeatedly  demonstrated  the  same  geometric  behavior 
as  will  be  summarized  later. 

The  subsequent  geometries  of  crystals  strained  at 
two  different  elongation  rales  i)  7  ■  10"  cm  s,  and  ii) 
8.33  ■  10"  cm/s,  are  compared  in  the  micrographs 
shown  in  Fig.  l(r/)  and  (ft)  and  demonstrate  the  depend - 
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ence  of  surface  slip  trace  depth  on  elongation  rate. 
However,  the  formation  of  either  planar  or  wavy  slip 
depends  upon  the  number  of  active  slip  systems.  The 
more  numerous  the  active  slip  systems,  the  wavier  is 
the  appearance  of  slip.  The  formation  of  coarse  wavy 
slip  (Fig.  2(rt))  was  observed  in  crystals  that  were 
elongated  at  the  slowest  rate,  10""  cm  s,  used  in  this 
study.  What  is  consistent  throughout  the  slow  elonga¬ 
tion  rate  experiments  is  the  coarseness  of  the  slip 
traces,  and,  where  few  slip  systems  are  active,  slip 
packet  formation. 

The  crystal  shown  in  Fig.  1 (ri)  has  been  observed 
by  "shadow"  contrast,  /.<•.,  the  contrast  obtained  from 
the  outline  of  a  nontransmissionable  crystal  under  the 
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electron  beam  in  the  HVEM  at  an  elongation  rate  of 
about  7  x  10"'1  cm/s.  Glide  packets  were  observed  to 
have  formed  by  abrupt  slip,  /.<■.,  the  formation  of  a 
large  slipped  area  in  an  abrupt  or  jerky  motion.  The 
large  slip  packets  seen  may  be  due  to  some  type  of 
channel  formation'1  or  slip  instability.10 

Crystals  strained  in  an  Instron  tensile  testing  ma¬ 
chine  at  an  elongation  rate  of  8.33  x  lo"1  cm/s  still  ex¬ 
hibited  coarse  slip,  yet  little  packet  formation  was  ob¬ 
served.  Where  small  slip  (jackets  formed,  small  yield 
(joints  occurred  along  the  length  of  the  three -stage 
hardening  curves. 

Finally,  at  the  higher  elongation  rates  tested,  it  be¬ 
came  increasingly  difficult  to  image  discrete  traces 
in  the  SEM  due  to  inadequate  resolution  (200A).  At  the 
highest  elongation  rates  at  which  specimens  were 
strained,  that  is  at  8.33  x  10";'  cm/s,  the  appearance  of 
glide  on  the  surface  of  crystals  was  in  the  form  of  very 
fine  traces.  These  results  vary  only  slightly  with  crys¬ 
tal  orientation  and  such  differences,  again,  depend  only 
upon  the  number  of  slip  systems  activated. 

Each  crystal  of  a  particular  crystallographic  orien¬ 
tation  demonstrated  the  same  geometry  of  the  reduced 
area  of  the  fractured  end  regardless  of  the  rate  at 
which  it  was  strained  to  failure.  Figure  3  shows  this 
geometry  in  three  crystals  strained  at  three  elonga¬ 
tion  rates,  while  the  overall  geometry  is  that  shown  in 
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I  in  '  SI  St  nucroer.iph  ol  crystals  oriented  in  tension  alone  the 
•  110'  direction  Ac. on  the  appearance  of  elide  on  the  surface  lias 
been  lound  to  vary  with  cion  patron  rate.  St  St  resolution  estimated  at 
’(Ht  \  was  not  al'le  to  resolve  slip  line  structure  on  crystals  strained  at 
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10  ’  cm  s  I  he  cry  stals’  Iraeture  tips  are  viewed  from  the  side. 
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Table  I.  Summary  of  Active  Glide  Systems  Leading  to  Fracture 


Primary  Active  Slip  System  in  the 

l- Menial  Geometry 

Tensile  Axis 

Neck  of  Crystals 

A 

|0II| 

(2m 

ml.cmlTui 

glide  off* 

|0II  1 

(Tun 

ml 

H 

lot  II 

(Tioi 

1 1 1 1 .( ion  |1 1 1 1 

C 

|0ll| 

net 

m|.(cn|m| 

glide  off* 

III  ll 

cm 

n 

inti 

cm 

m|.(io|ii7|.ici)  |iTt| 

glide  off* 

1001 1 

(C.n 

m| 

net 

m| 

cm 

m| 

h 

|00l| 

net 

1 1 1 ) . ( i  c»  |1  T i| 

(To 

nil.net  |ln| 

h 

1-111 

cm 

ml.nci  |in|.u:iMiTi| 

*tf  simple  glide 

iff  were  to  occur. 

the  active  slip  system  which  would  he  respon 

sihlc  is  given. 


Table  II.  Some 

Initial  Schmid  Factors  of  Pertinent  Slip  Systems* 

Tensile  Direction 

Slip  System 

Initial  Schmid 

linn 

cm  |Ti  i| 

0.47 

nci|m| 

0.4b 

don  jini 

0.41 

1 1 1 1 1 

cm|Tii| 

0.31 

OC)|Tii| 

0.30 

(II0)|  INI 

0C7 

(Ci>  |T  1 1 1 

0.15 

|1K»| 

iic>|m| 

0.47 

<!:.*>  |m| 

0.4b 

(0111  Mill 

0.41 

cm 

(uni  (i  n| 

0.4 1 

<u:>|iil| 

0.30 

cm  |iiTj 

0.31 

ci:i|mj 

0.30 

*\  complete  listing » 

1  Schmid  factorshas  been 

compiled  previously  .1 

rotation  does  take  place.  While  over  100  crystals  were 
strained  to  fracture,  this  was  consistently  found  to  be 
the  case.  Table  1  summarizes  the  active  glide  systems 
and  designates  those  systems  which  may  give  rise  to 
simple  glide  off  and  Table  II  gives  the  relevant  Schmid 
factors.  The  active  slip  systems  were  determined  by 
slip  trace  analysis.  Shear  fracture  was  only  observed 
to  occur  twice. 


DISCUSSION 

The  correlation  between  the  macroscopically  ob¬ 
served  slip  lines  and  the  dislocation  arrangements 
causing  these  surface  steps  is  complex.  For  extremely 
slow  elongation  rates  of  10'  cm  s  where  atypical 
structures  are  observed,  one  expects  in  bcc  metals  that 
the  mode  of  deformation  itself  differs  from  that  mode 
controlling  the  deformation  processes  at  higher  elonga¬ 
tion  rates.11  That  is,  one  may  assume  that  the  mecha¬ 
nism  overcoming  the  Peierls  friction  for  dislocation 
motion  is  not  rate-controlling  and  that  the  mobility  of 
screw  dislocations  at  extremely  slow  rates  of  strain 
is  governed  by  the  non-conservative  motion  of  jogs.11 


It  is  assumed,  then,  that  dislocation  dynamics  dic¬ 
tate  a  consistent  determining  mechanism  for  disloca¬ 
tion  motion  over  the  range  of  elongation  rates  from 
10"*’  to  lO-2  cm/s.12’13  However,  the  rate  of  uniform  cell 
development  is  expected  to  vary  with  strain  as  well  as 
with  strain  rate.  During  increasing  strain,  cell  develop¬ 
ment  will  become  complete  and  cells  will  shrink  in  size 
by  the  process  of  similitude.1,1’15  Deformed  crystals  in 
which  dislocations  have  some  degree  of  three-dimen¬ 
sional  mobility  and  where  there  are  several  mutually 
independent  noncoplanar  slip  systems  contain  disloca¬ 
tion  configurations  which  approach  that  of  ideal  mini¬ 
mum  energy  storage.  When  a  crystal  experiences  an 
increasing  strain  rate,  cell  size  shrinks  rapidly  and  the 
lowest  energy  configuration  is  unattainable  as  a  result. 

The  relative  magnitudes  of  stored  energy  of  these 
networks  can  be  expected  to  vary  with  loop  size.11.  As 
one  would  expect,  the  larger  the  loops,  the  smaller  the 
energy  per  unit  area.  Hence,  it  is  observed  that  crys¬ 
tals  experiencing  slow  strain  rates  will  have  larger 
three-dimensional  cell  networks  than  those  crystals 
experiencing  high  strain  rates. 

Microscopically,  only  those  segments  of  disloca¬ 
tions  which  shear  cells  are  visible,  although  it  is,  of 
course,  recognized  that  dislocation  continuity  is  required 
The  passage  of  dislocations  through  large  networks, 
then,  will  give  rise  to  discretely  spaced  slip  steps.  The 
passage  of  large  numbers  of  dislocations  over  the  con¬ 
siderable  distance  represented  by  the  crystal  may 
cause  the  appearance  of  slip  packets  as  well  as  the  ap¬ 
pearance  of  ‘slip  channels’.  Hence,  it  is  probable  that 
with  decreasing  cell  size,  the  appearance  of  glide  on 
the  surface  of  the  crystal  becomes  finer  and  finer. 

Of  particular  importance  is  the  observation  that  the 
geometry  of  the  reduction  in  area  which  results  from 
straining  these  whiskers  is  independent  of  the  strain 
rate.  The  precession  method  indicates  that  large  lat¬ 
tice  rotations  of  small  volume  elements  have  taken 
place.  Glide  packet  formation  in  crystals  strained  at 
slow  elongation  rates  results  in  diffraction  maxima  in 
X-ray  patterns  which  are  discrete  points,  and  these 
discrete  points  indicate  a  few  degrees  of  rotation  for 
each  packet.  As  the  size  of  rotating  volume  elements 
decreases,  the  diffraction  maxima  become  convoluted. 

In  the  necked  region,  the  diffraction  maxima  are 
smoothly  and  continuously  streaked  as  a  result  of  this 
uniform  rotation  of  small  volume  elements  throughout 
the  length  of  the  necked  region.  The  fact  that  diffrac¬ 
tion  maxima  are  streaked  demands  that  the  size  of  ro¬ 
tating  volumes  must  be  smaller  than  the  resolving  limit 
of  the  technique  used,  estimated  at  about  1  pm.  There¬ 
fore,  the  observed  reduction  in  area  must  depend  upon 
the  rotation  of  existing  volume  elements  and  not  upon 
the  movement  of  dislocations  over  long  distances  that 
give  rise  to  slip  packets.  This,  however,  would  not  be 
the  case  with  respect  to  simple  shear  fracture  which 
requires  the  activation  of  only  one  slip  system  and  en¬ 
tails  only  simple  macroscopic  rotation. 

Thus,  the  incorporation  into  the  boundaries  of  the 
ends  of  a  dislocation,  which  have  sheared  a  volume  ele¬ 
ment.  results  in  the  rigid  relative  rotation  of  the  vol¬ 
ume  element  with  respect  to  the  original  matrix  of 
cells.  This  fundamental  process  is  only  dependent 
upon  the  rate  of  dislocation  motion  and  upon  the  move¬ 
ment  of  dislocations  over  short  distances  as  opposed 
to  the  appreciable  distances  moved  in  the  formation  of 
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slip  steps.  The  above  is  essential  to  the  description  of 
the  deformation  history  of  single  crystals  prior  to  frac¬ 
ture. 

The  volume  element  rotations,  which  describe  the 
phenomenology  of  stage  III  hardening,  are  particularly 
significant  in  the  description  of  the  geometrical  changes 
in  the  necked  region  of  a-Fe  single  crystals.  In  order 
to  establish  the  relationship  between  macroscopically 
observed  rupture  (100  pet  reduction  in  area)  and  the 
dislocation  microstructure,  one  must  first  consider  the 
nature  of  the  dislocation  structures  arising  just  prior 
to  crack  initiation  and  the  disposition  of  dislocations 
which  may  in  itself  give  rise  to  fracture  initiation. 

To  date,  various  dislocation  pile-up  models  have  been 
the  popular  explanation  for  fracture  initiation  in  clean 
metals.  Zener17  suggested  that  a  pileup  of  dislocations 
against  a  "strong  obstacle"  could  lead  to  the  forma¬ 
tion  of  a  crack.  Cottrell18  proposed  that  in  a  bcc  crys¬ 
tal,  the  following  dislocation  reaction  could  occur: 

y[IIl|  +  £[lll|  =  (i  (001 1  [1| 

where  it  is  the  lattice  parameter  giving  rise  to  a  sessile 
dislocation.  This  leads  to  the  assumption  that  the  micro- 
crack  due  to  the  pile-up  of  dislocations  at  this  sessile 
dislocation  forms  in  the  (001)  plane.  Stroh19  elaborated 
upon  an  idea  postulated  by  Orowan,20  namely  that  a  sub¬ 
boundary  may  act  as  a  stress  raiser  in  the  solid,  by 
considering  that  if  a  part  of  a  dislocation  wall  inter¬ 
acts  with  a  strong  obstacle  while  the  other  part  is  be¬ 
ing  pulled  by  the  applied  stress,  a  crack  ensues. 

The  credibility  of  such  explanations  is  questionable. 
The  majority  of  pile-up  mechanisms  would  necessitate 
a  one-to-one  correspondence  between  obstacles  and 
voids  which  is  not  seen,  and  further  experimental  evi¬ 
dence  concerning  their  importance  in  metals  has  been 
lacking. 

Rather,  it  is  our  contention  that  some  other  micro- 
structural  feature,  which  is  in  itself  a  direct  conse¬ 
quence  of  the  observed  reduction  in  area,  may  give  rise 
to  ductile  fracture  initiation  in  pure  metals.21 

CONCLUSION 

The  deformation  behavior  of  o-Fe  crystals  strained 
in  tension  describes  a  complex  rotation  of  coherent  dif¬ 
fracting  volume  elements  exhibiting  a  consistent  be¬ 
havior  as  required  by  the  reduction  geometry.  The 


necking  process  is  independent  of  elongation  rate  and 
remains  uniform  throughout  the  necked  region  of  the 
crystal.  The  description  of  the  fracture  processes  in 
these  whiskers  must  find  its  basis  in  the  rotating  vol¬ 
ume  elements  or  their  surrounding  boundaries.  The 
initiation  of  a  crack  during  the  process  of  rupture  can¬ 
not  be  understood  in  terms  of  motion  of  many  disloca¬ 
tions  over  large  distances,  rather,  it  is  due  to  the 
small  rotated  volume  element  and  its  subsequent  bound¬ 
aries.  This,  then,  must  be  the  site  where  a  detailed 
description  of  fracture  begins. 
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Ductile  Fracture  Initiation  in  Pure  a-Fe: 
Part  II.  Microscopic  Observations  of 
an  Initiation  Mechanism 


R.  N.  GARDNER  AND  H.  G.  F.  WILSDORF 

cv-Fe  single  crystals  of  high  purity  were  strained  to  fracture  by  in-silt/  high  voltage  elec¬ 
tron  microscopy.  This  method  permitted  recording  of  events  leading  to  the  failure  of  the 
crystal  at  high  magnifications.  Specifically,  observations  were  made  regarding  the  first 
step  in  the  fracture  mechanism,  namely  the  initiation  of  voids,  which  occurred  after  a  dislo¬ 
cation  pattern  of  cells  had  developed.  The  cell  size  was  found  to  be  a  few  tens  of  nanome¬ 
ters  in  diameter  and,  because  of  the  small  scale  of  the  dislocation  patterns,  a  direct  ob¬ 
servation  of  void  initiation  was  not  possible.  However,  the  misorientation  between  cells 
could  be  determined  by  electron  diffraction  techniques  leading  to  the  conclusion  that  void 
initiation  took  place  at  cell  walls  and  at  the  boundaries  of  deformation  microtwins.  The 
high  energy  of  these  interfaces  is  another  factor  supporting  the  above  conclusion. 


PROGRESS  has  been  made  in  the  past  decade  with  re¬ 
spect  to  the  elucidation  of  the  fundamental  aspects  of 
ductile  fracture.  The  fibrous  mode  of  ductile  fracture, 
often  termed  microvoid  coalescence,  is  known  to  pro¬ 
ceed  through  the  sequence  of  initiation,  growth,  and 
coalescence  of  voids. 

The  initiation  of  voids  in  the  fibrous  mode  of  frac¬ 
ture  has  in  the  past  been  solely  associated  with  the 
presence  of  inclusions  or  particles  in  a  multiphase  al¬ 
loy  system.  Mechanisms  have  been  proposed  whereby 
initiation  sites  are  thought  to  be  due  to  dislocation  in¬ 
teractions  at  the  particle-matrix  interface,  or,  slip- 
induced  fracture  of  a  second  phase  particle.1’-  Numer¬ 
ous  reviews  concerning  particle  fracture  have  been 
completed  and  are  available  in  the  literature.1-7  This 
communication  reports  experimental  findings  with  re¬ 
spect  to  essential  aspects  of  the  initiation  process  in 
pure  a-Fe.  and  offers  alternative  mechanisms  for  duc¬ 
tile  fracture  initiation. 

The  first  direct  evidence  for  crack  initiation  in  pre¬ 
cipitate-free  crystals  was  obtained  as  a  result  of  in- 
s Hit  studies  in  the  high  voltage  electron  microscope 
(HVEM).  '  Although  additional  studies  have  been  com¬ 
pleted  in  support  of  this  conclusion,  1'ln"1-’  in  general, 
the  implications  of  the  results  of  these  investigations 
with  res|x>ct  to  their  importance  to  ductile  fracture 
may  not  have  been  fully  comprehended  or  appreciated. 

One  issue  which  has  long  been  controversial  con¬ 
cerns  the  state  of  stress  at  the  point  of  failure  initia¬ 
tion  in  ductile  "thin  sheet  specimens."  The  difference 
in  fracture  mode  between  bulk  crystals  and  thin  foils 
have  been  comprehensively  investigated11  and  it  has 
been  demonstrated  that  void  formation  is  taking  place 
regardless  of  specimen  thickness.  Further,  in  the  case 
of  rupture  (which  is  invariably  preceded  by  severe 
necking  in  ductile  metals)  or  indeed  in  the  case  of  any 
test  specimen  under  the  conditions  of  a  uniaxial  stress, 
a  reduction  in  area  will  give  rise  to  triaxial  stress  con- 

K.  \,  t.ARDNI  R  i'  Senior  Rcsoiirch  Scientist.  'M  Company.  .JM 
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ville.  VA  ”WI. 
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ditions  in  the  necked  region.11’11  Hence,  a  triaxial  state 
of  stress  exists  in  those  regions  of  samples  where  void 
initiation  takes  place  and  in  fact  one  expects  that  these 
stress  conditions  may  well  be  essential  to  the  forma¬ 
tion  of  the  final  dislocation  structure  found  at  the  initia¬ 
tion  of  fracture. 

Another  point  of  apparent  confusion  is  the  distinction 
between  the  failure  modes  of  simple  shear  fracture  and 
rupture.  The  former  failure  mode  does  not  require  the 
participation  of  precipitate  particles,  and  true  void  in¬ 
itiation  does  not  occur  in  a  sample  failing  due  to  sim¬ 
ple  shear.  On  the  other  hand,  ductile  rupture  is  a  more 
complex  phenomenon  and  this  paper  deals  with  the  com¬ 
plex  dislocation  arrangements  responsible  for  this 
mode  of  failure  as  interpreted  from  the  iii-silu  investi¬ 
gation  conducted. 

A  further  comment  concerning  the  nature  of  these 
iii-silu  fracture  studies  is  appropriate  to  this  last 
point.  Generally,  most  investigators  studying  micro- 
structural  effects  on  fracture  initially  strain  a  crystal 
to  fracture,  then  section  the  sample  prior  to  recording 
the  dislocation  arrangements  present.  Consequently, 
information  regarding  the  dislocation  patterns  present 
within  the  narrow  region  of  the  shear  band  is  not  ob¬ 
tainable  when  using  such  a  technique.  Hence  the  ad¬ 
vantage  of  the  iii-silu  study  of  fracture  is  that  one  is 
not  limited  merely  to  information  from  outside  the  re¬ 
gion  of  greatest  dislocation  activity,  ».<>.,  from  outside 
the  shear  band. 

EXPERIMENTAL 

Techniques  employed  in  the  growth  and  characteriza¬ 
tion  of  crystals  have  been  described  elsewhere. 111 

The  preparation  of  samples  for  the  in-sili<  investi¬ 
gations  involved  mounting  the  filaments  on  copper  sup¬ 
ports.  These  copper  supports,  prepared  by  a  photo¬ 
fabrication  process  similar  to  the  one  outlined  by 
Lyles,1'  not  only  serve  as  a  means  of  holding  the  small 
crystals,  but  also  provide  a  way  in  which  to  transmit 
a  uniaxial  stress  to  the  whisker.  Single  crystals  were 
glued  to  the  copper  supporting  grid:  specifically,  a 
polymer  resin  manufactured  by  Bakelite  Company  and 
soluble  in  cyclohexanone  (C,iHmO)  was  used. 

Tensile  supports  were  placed  in  a  hydraulically 
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loaded  tensile  apparatus  designed  and  built  for  use  in 
a  RCA  500  kV  HVEM.  This  tensile  stage  is  similar  in 
design  to  that  constructed  by  Wilsdorf ,ls  The  hydraulic 
system  was  fully  enclosed  to  alleviate  an  earlier  prob¬ 
lem  caused  by  the  presence  of  air  bubbles  admitted  into 
the  system,  which  in  turn  had  resulted  in  variations  in 
the  elongation  rates  of  tensile  specimens. 

Dynamic  studies  involving  direct  observation  of  in- 
siht  fracture  were  recorded  on  videotape  at  a  view¬ 
ing  speed  of  thirty  images  per  second.  The  recorder 
was  coupled  with  a  low  light  level  image  intensifier. 

The  elements  of  this  monitoring  system  have  been  re¬ 
viewed  elsewhere.3’17 

All  transmission  microscopy  was  performed  using 
an  accelerating  voltage  of  500  kV,  and  250  pm  con¬ 
denser  aperture.  All  micrographs  were  taken  during 
dynamic,  iit-siht  fracture.  Objective  apertures  used 
ranged  in  size,  the  smallest  being  a  5  pm  aperture 
which  was  utilized  in  order  to  compensate  for  the  ob¬ 
served  losses  in  image  contrast  due  to  the  high  accele¬ 
rating  voltage  of  the  electrons. 

Micrographs  have  been  shown  in  an  earlier  publica¬ 
tion  which  are  representative  of  transniissionable  crys¬ 
tals  that  were  obtained  from  some  of  the  “controlled” 
growth  runs  performed.1''  Due  to  variations  of  nucleat¬ 
ing  surfaces,  the  external  geometries  of  crystals  were 
regulated  with  precision  by  the  controlled  addition  of 
small  amounts  of  oxygen  during  growth.  The  result¬ 
ing  whiskers  are  transmissionable  and  of  a  ribbon¬ 
like  geometry  which  has  been  shown  to  be  ideal  for  iii- 
situ  HVEM  fracture  experiments,  in  particular  be¬ 
cause  transmissionable  crystals  do  not  require  pre¬ 
paration  techniques  such  as  electrolytic  thinning  and 
ion  milling  which  can  damage  samples.10  In  contrast, 
the  micrographs  depicted  in  this  communication  are 
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of  “prepared”  crystals,  4  to  5  pm  in  thickness  (hence 
they  were  not  initially  transmissionable)  in  order  to 
be  able  to  draw  analogies  from  a  complete  microstruc- 
tural  analysis  of  bulk,  3-D  crystals  after  deformation 
as  applied  to  “real”  materials. 

RESULTS 

More  than  sixty  crystals  were  examined  during  in- 
situ  straining  in  the  HVEM.  These  samples  were  in¬ 
itially  examined  by  shadow  contrast.  As  the  crystals 
became  transmissionable  during  straining,  it  was  noted 
that  the  dislocation  density  was  extremely  high.  How¬ 
ever,  at  higher  magnifications,  networks  of  dislocations 
could  be  imaged  and  existing  layers  of  networks  which 
were  present  even  to  the  very  ends  of  the  crack  flanks 
were  observed. 

Figure  1  is  typical  of  the  network  structures  seen 
and  displays  cells  of  about  15  nm  in  size.  In  this  micro¬ 
graph  it  is  noticeable  that  the  networks  of  cells  are  in¬ 
deed  continuous  to  the  edge  of  the  crack  flank.  The 
point  designated  by  the  black  arrow  is  the  thinnest  re¬ 
gion  of  this  crystal.  Proceeding  from  the  edge  of  the 
crystal  into  the  thicker  region  of  the  specimen,  layer 
upon  layer  of  cells  still  satisfy  the  conditions  for  dif¬ 
fraction  contrast  and  hence  imaging  of  descrete  cell 
boundaries  becomes  difficult.  High  dislocation  densi¬ 
ties  and  small  cells  such  as  these  are  the  reason  that 
it  is  difficult  to  determine  the  nature  of  the  braided  or 
lacey  contours  at  high  deformations.20  The  layers  of 
cells  mentioned  above  can  cause  periodicities  in  in¬ 
tensities  that  are  observed  in  the  form  of  fringes  (Fig. 
2).  Selected  area  diffraction  (SAD)  patterns  were  taken 
of  the  areas  noted  in  Fig.  3. 

At  this  point,  it  might  be  mentioned  that  in  a  general 
field  of  extinction  contours,  a  periodic  extinction  of  the 
transmitted  wave,  in  this  case  due  to  foil  bending,  ap¬ 
pears  as  in  Fig.  4(n).  The  extinction  distances  for  low 
order  reflections  are  about  a  few  tens  of  nanometers 
and  increase  with  increasing  order  of  reflection.  A 
rotation  of  a  volume  element  about  the  long  axis  of  the 
contour  leads  to  the  displacement  of  part  of  the  con¬ 
tour.  Numerous  displacements  of  this  type  result  in 
the  appearance  of  ‘braided  contours.' 

Selected  area  diffraction  patterns  were  taken  to  as¬ 
certain  the  character  of  the  microstructure  under  ex¬ 
amination.  Analytical  methods  for  calculating  diffrac¬ 
tion  patterns  containing  twin  reflections  are  available 
in  the  literature  ,21"23  However,  when  patterns  do  not 
contain  simple  twin  relationships,  these  methods  can 
become  cumbersome.  The  method  employed  by  the 
authors  is  that  as  outlined  by  Kelly2,1  and  reviewed  by 
Edington,20  involving  the  use  of  twin  stereograms.  The 
process  entailed  the  indexing  of  all  major  types  of  zone 
axis  patterns  appearing  on  a  diffraction  pattern.  It  then 
became  necessary  to  locate  these  on  a  twin  stereo¬ 
gram:  to  calculate  the  correct  orientation  relationships 
between  patterns,  and  finally  to  identify  any  double  dif¬ 
fraction  spots  if  present. 

Figure  5  is  representative  of  the  SAD  patterns  taken 
of  the  crack  flanks  shown  in  Fig.  3.  The  area  encom¬ 
passed  by  the  SAD  aperture  is  approximately  500  nm 
average  angles  of  rotation  are  about  20  deg.  and  the 
presence  of  deformation  twins  is  apparent.  A  large 
number  of  crystals  were  observed  to  have  such  defor¬ 
mation  twins.  The  determination  of  Fig.  5 (a)  required 
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the  overlay  of  various  separate  patterns  to  form  the 
composite  patterns  ultimately  achieved  in  Fig.  6.  In 
this  particular  pattern,  overlaying  (311-  and  parallel 

1 1  >  patterns,  as  well  as  radial  asterism  of  diffrac¬ 
tion  maxima,  indicate  the  decree  of  cell  rotations.  The 
(Oil)  spot  of  the  [311 1  zone  axis  pattern  may  be  trans¬ 
formed  by  twinning  about  the  (112)  to  form  the  (1  3 
-4  3  1  3)  spots  of  a  twinned  matrix.  The  relationship 
between  the  matrix  pattern  and  the  new  zone  axis  pat¬ 
tern  of  the  twin  can  lie  found  by  taking  the  dot  product 
of  the  two  unit  vectors.  That  is,  for  (A  -B)  (AB)  cos d 
one  obtains  <‘<  33.29  deg. 

A  few  degrees  off  the  reflecting  zone  axis  is  the 
(,114 •  zone  axis.  Deformation  twinning  of  this  zone 
axis  may  appear  on  the  pattern.  The  reflections  of  the 

(114)  zone  axis  form  a  parallel  pattern  with  the  original 

(115)  and  ,115)  zone  axes  reflections.  Hence,  perpen¬ 
dicular  to  the  [  1  to  1  direction,  among  (lie  s|xits  of  the 
pattern  would  appear  the  (442)  s|x't.  Twinning  of  this 
spot  would  give  rise  to  (lie  (002)  spot  and  (lie  subse¬ 
quent  overlaying  zone  axis  pattern  would  be  the  |110|. 


The  (002)  spot  would  then  be  oriented  110  deg  from  the 
perpendicular  of  the  [  1 10 1  direction  in  the  original  [113 
zone  axis  patterns.  Hence,  the  appearance  of  a  parallel 
[331 1  zone  axis  pattern  which  is  parallel  to  the  [110 1 
zone  axis  pattern  results  from  rotation  that  is  attribu¬ 
table  to  deformation.  Slip,  then,  has  preceded  the  for¬ 
mation  of  deformation  twins  and  continues  after  twin¬ 
ning  has  taken  place.  This  is  in  agreement  with  the 
findings  of  a  study  by  Mahajan  "  on  deformation  twin¬ 
ning  in  a  Mo-35  at.  pet  Re  alloy. 

Figure  5(/>)  displays  spots  resulting  from  discrete 
maxima.  Most  streaking  recorded  by  electron  dif¬ 
fraction  is  spotty.  This  pattern  is  indexed  in  Fig.  7. 
Zone  axis  patterns  again  have  twin  relationships.  The 
pattern  taken  of  area  C  in  Fig.  3  is  displayed  in  Fig.  8. 
The  spacings  are  all  indexed:  much  streaking  is 
observed. 

An  additional  representative  example  of  the  crack 
flank  of  these  crystals  is  given  in  Fig.  9.  Fig.  10  dis¬ 
plays  contours  composed  of  a  network  of  cells.  SAD 
patterns  were  taken  at  different  positions:  these  are 
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shown  in  Fig.  ll(n)  through  (r).  Because  of  the  small 
size  of  filaments,  it  was  not  possible  to  place  them  in 
a  tilt  stage  after  fracture  and  so  only  slight  tilting  was 
done  and  the  rotations  are  limited.  However,  a  great 
deal  of  information  may  still  be  gained  by  examination 


of  the  diffraction  maxima.  Figure  11  (ti)  shows  a  SAD 
pattern  which  was  taken  when  the  foil  orientation  was 
close  to  the  (111)  zone  axis,  and  the  figure  displays 
overlaying  patterns,  some  possibly  due  to  volume  ro¬ 
tations.  In  the  case  of  a  volume  element  oriented  with 
its  |  111  |  axis  parallel  to  the  electron  beam,  the  twinned 
region  would  be  oriented  either  along  the  [115|  or  along 
its  [ill  |  direction,  depending  upon  the  specific  com¬ 
posite  plane  of  the  twin,  (112)  or  (112)  respectively."7 
In  either  case,  twin  spots  would  overlap  the  matrix 
spots  and  one  could  not  differentiate  between  the  two. 
However,  the  formation  of  the  (03l)  twin  spot  and  an 
overlaying  [331 1  foil  axis  pattern  was  observed.  If  (03l) 
is  attributed  to  a  twinned  volume,  then  the  twinned  ma¬ 
terial  is  oriented  along  its  [115 1  axis.  This  results 
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I  m.  4  I  Ik*  st  lictn.it k*  drawing  represents  the  ronn.it ion  of ‘braided*  or 
‘laccy’  contours,  ti/>  A  general  field  of  extinction  contours  may  result 
from  bending  of  the  foil  and  is  due  to  a  periodic  extinction  of  (he 
transmitted  wave,  i />  I  I  lie  rotation  of  a  region  of  the  diffracting  sam¬ 
ple  about  the  long  axis  of  the  contour  results  in  the  uniform  displace¬ 
ment  of  contours.  (<  )  Many  such  rotations  may  occur  and  when  the 
rotating  volume  elements  are  small  m  si/e.  it  may  be  difficult  to  distin¬ 
guish  between  individual  contours  which  result.  I  his  effect  eventually 
results  m  the  serpentine  appearance  ol  contours,  as  illustrated  in  (</). 
to  Imallv.  layers  of  rotated  cells  will  give  rise  to  the  ‘braided'  appear¬ 
ance  ot  contours.  I  Ins  ellcct  occurs  when  small  dislocation  cells  are 
present. 


(b) 

l  ig.  5  Representative  of  selected  area  diffraction  patterns  taken  ol 
the  crack  flanks,  ia)  This  pattern  is  completely  determined  in  the  fol¬ 
lowing  series  of  figures.  (/>)  Note  that  the  diffraction  maxima  are  a 
discrete  array  of  spots.  All  spots  have  (//,*/  spacings  attributable  to  bee 
iron. 
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from  the  fact  that  the  |03l  |  pole  falls  about  7  deg  from 
the  (115)  basic  circle  on  the  back  side  ol  the  reference 
sphere.  Spots  indexed  4  3  (Oil)  and  1  3  (4l5)  in  Fig,  12 
may  arise  from  the  diffraction  of  the  (03 1)  twin  spot 
from  the  (Oil)  and  (121)  points  of  the  matrix. 

Other  anomalous  spots  may  also  be  explained  in  a 
similar  manner.  Therelore,  what  has  been  formed  is 
an  apparent  |  3  3 1  I  beam  axis  pattern  over  the  (111  I  ma¬ 
trix  pattern  (Fig.  13).  (110)  spots  near  those  which 
form  |Kirt  ol  the  J  331  >  pattern  mav  belong  to  a  100 
pattern.  SjKits  indexed  as  4  3  (Oil)  and  1  3  (4151  mav 
compose  the  rest  ol  the  100  pattern.  The  100  pat¬ 
tern  must  lie  due  to  the  rotations  of  the  115  /one  axis 
about  the  110  as  shown  in  Fig.  14.  This  can  only 
occui  if  plastic  deformation  has  taken  place 
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after  the  twin  volume  has  formed.  As  one  might  ex¬ 
pect,  the  appearance  of  (110)  spots  90  deg  to  (Oil)  spots 
suggest  that  (Oil)  is  the  axis  of  rotation  of  the  (115) 
zone  axis  pattern. 

In  Fig.  ll(/>)  and  (<•),  large  continuous  volume  rota¬ 
tions  appear  in  the  (110;  zone  axis  pattern,  while  in  the 
(100;  zone  axis  pattern  a  tendency  towards  an  over¬ 
laying  pattern  is  seen.  These  series  of  patterns  are 
indicative  of  the  same  type  of  patterns  obtained  from 
the  precession  method.""  The  X-ray  precession  method 
is  a  nondestructive  and  easy-to-interpret  record  of  the 
deformation  process  as  it  is  a  direct  enlargement  of 
the  reciprocal  lattice.  As  opposed  to  representing  only 
a  "selected  area",  rather  it  represents  an  averaging 
affect  over  a  large  volume.  Specifically,  then,  as  the 
preceding  presentation  of  diffraction  analyses  indica¬ 
ted,  large  volume  rotations,  overlaying  zone  axis  pat¬ 
terns,  and  twinning  as  observed  in  this  study  are  con¬ 
sistent  with  the  results  obtained  from  both  the  X-ray 
precession  method  and  the  electron  diffraction  pat¬ 
terns. 

During  ih-m/k  straining  experiments,  pinholes  were 
observed  to  form  at  various  points  along  the  width  of 
the  ribbons,  within  the  narrow  region  along  the  length 
of  the  sample  that  is  the  shear  band.  Pinholes  and  thin 
spots  were  on  the  order  of  a  small  cell  in  size,  and 
were  noticed  to  occur  at  cell  boundaries.  However, 
this  phenomenon  was,  in  general,  photographed  and 
observed  by  mass  thickness  contrast  (Fig.  15). 

If  one  now  considers  the  resulting  fractured  end  of  a 
crystal,  that  during  straining  displayed  voids  and  hole 
formation  as  observed  by  mass  thickness  contrast,  the 
presence  of  holes  in  front  of  the  cracked  edge  and  a 
rather  jagged  foil  crack  flank  becomes  apparent  by 
diffraction  contrast  (Fig.  16).  Diffraction  patterns  of 
the  area  where  holes  are  seen  indicate  little  distortion. 
Along  the  region  of  the  jagged  foil,  twin  relationships 
are  once  again  observed.  Thus,  both  dislocation  sub¬ 
boundaries  as  well  as  deformation  twins  were  ob¬ 
served  to  be  the  initiation  sites  for  microcrack  for¬ 
mation. 
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DISCUSSION 


requires  the  presence  of  relatively  high  angle  bound¬ 
aries  only  within  the  narrow  region  defined  by  the 
shear  band  and  not  over  the  entire  necked  portion  of 
the  sample.  Observation  of  the  crack  flanks  in  the 
HVEM  has  provided  information  as  to  the  state  of  sub¬ 
boundaries  in  the  shear  band  at  fracture. 

Early  in  the  deformation  history  of  these  crystals. 


The  blueprint  for  ductile  fracture  may  be  considered  dislocations  move  in  such  a  manner  that  the  stress 
to  begin  at  the  initiation  of  Stage  II  hardening  and  is  re-  field  of  each  dislocation  is  ••screened”  from  that  of 

lated  to  subsequent  sub-boundary  formation."1’1"  The  every  other  dislocation.  Consequently,  three-dimen- 
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sional  networks  of  cells  form  in  accordance  with  the 
meshlength  theory  of  workhardening. This  initial 
dislocation  pattern  will  shrink  in  size  as  a  result  of 
the  principle  of  similitude.33’3'  However,  complete 
similitude  in  single  crystals  is  not  necessary  for  the 
meshlength  theory  of  workhardening  to  be  applicable. 

It  is  probable  that  this  lack  of  homogeneity  in  cell 
shrinkage  in  single  crystals  and  polycrystalline  foils 
is  responsible  for  the  nonuniformity  of  boundaries  that 
exists  at  sites  of  fracture  initiation.  Or,  the  nonuni- 
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formity  in  the  strength  of  low  angle  boundaries  ob¬ 
served  in  metals"’0'33’ 3,1  might  be  ascribed  to  a  mere 
statistical  effect.  In  either  case,  the  meshlength  theory 
describes  a  cell  pattern  where  cell  components  con¬ 
tinue  to  shrink  in  size  while  at  the  same  time  they  are 
increasing  in  continuity,  thereby  occupying  a  greater 
volume  of  metal.  This  process  continues  throughout 
Stage  II  hardening  until  a  minimum  cell  size  is  achieved 
at  the  beginning  of  Stage  HI.  At  this  point  in  the  defor¬ 
mation  process  a  generally  continuous  three-dimensional 
network  of  cells  exist. 

Stage  III  hardening  may  thus  be  described  as  result¬ 
ing  from  the  motion  of  dislocations  through  networks 
of  cells.  The  incorporation  of  the  dislocation  into  a 
cell  wall  causes  rigid  relative  rotation  of  the  cell's  in¬ 
terior  with  respect  to  its  surroundings.  This  is  a  ge¬ 
ometric  phenomenon  of  great  consequence  of  Iracture. 

At  this  point,  let  us  consider  the  apparent  causes  ol 
fracture  initiation  at  sub-boundaries.  Fracture  initia¬ 
tion  at  sub-boundaries  occurs  in  the  most  highly  de¬ 
formed  part  of  a  tensile  sample  and  is  thus  determined 
to  be  due  to  the  dislocation  structures  which  are 
formed  late  in  Stage  III  hardening.  The  degree  of  de¬ 
formation  preceding  Stage  III  depends  upon  several 
variables  and  differs  from  orientation  to  orientation, 
implying  once  again  that  large  rotations  or  misorien- 


I  ii!  (  i.uks  ot  k-s\  (tun  o  t  mui  muti-  .ih\i'ru\i  In  oprn  within  Ilk 
vkinilv  »'t  tlu-  stn'.ii  S.iiul  I  tic  iml.ihi-K-.l  .irnm  .U-sii!n,ilo  tin  .linn  li.m 
ot  the  linn  itti!  ajii 


I.o.  VO!  I  Ml  I  I  A  Al’K  (I  I'lMI 


MIUIII  Kl.lt  At  I  K  *VS  At  I  loss  A 


tat  ions  m  boundaries  tin  not  occ  ur  until  lute  in  (lie  de- 
lorni.il ion  process.  Wilromb  lias  observed  that  m  Mo  ■ 
50  at.  pel  Re.  tin  ri'cluct  uni  in  I  In  ■  dislocation  cell  di¬ 
ameter  was  lound  to  level  oil  at  2-1  pel  delorination 
(elongation'.  Thus.  it  is  unlikely  l  lut  limit  energy 
iKiundanes  in  lice  metals,  winch  may  serve  as  sites 
lor  Iracture  initiation,  are  torined  until  sulistant tal 
plastic  deloriii.il  loll  ol  the  sample  lias  taken  place.  Re¬ 
cently.  French  and  Weinrich  have  determined  in  al¬ 
pha-brass  that  void  hum. it  ion  without  the  involvement 
ol  particles  must  occur  in  the  lin.il  shines  ol  dclornin- 
I  loll. 

Ileckc  i  .  Cox.  and  Stem '  have  ohsei  l  ed  Iracture  in 
Ir  occurring  at  c.rain  boundaries.  They  have  shown, 
Hirnueh  tin  application  ol  Aucer  analysis  ol  samples 
trneiured  in  Inch  vacuum,  that  the  seureu.it ion  ol  im¬ 
purities  .a  cram  boundaries  but  not  take  place,  nor 
in  re  there  present  am  other  second  phase  particles. 

I  t  act. :n  ol  a  clean  main  boundary  can  and  does  occur. 

Twin  boundaries  lie  lone  to  a  class  ol  special  low 
i  nee.  \  boundaries  known  as  coincidence  boundaries, 
lx  cause  i  lie  I  win  -  related  crystals  share  a  s|ieciln  num¬ 
ber  and  arranuenient  ol  coincidence  sites.  Whether  the 
Imundary  is  a  s|»-cia!  coincidence-boundary,  Inuh  anulc 
bound. irv.  or  a  general  dislocation  sub-bouudarv.  it  in¬ 
variably  represents  a  site  ol  higher  eneruv  than  the 
trivial  cast  ol  two  crystals  aliened  such  that  there  is 
no  niisorieiitat  Ion  across  their  interlace,  . . .  one-lo¬ 

om  col  res|HUiilence  lietw'eon  atoms  .Is  in  a  |ierlecl 
crystal.  ( .rain  boundary  eneruv  1  -  increusinu  relative 
anele  ol  niisorieiitat  ion  is  seen  to  ranee  Iroin  0  to  titttl 
miN  m>  in  Cu  10(1  till  boundaries.  For  iiiisorient.i - 


lions  of  (110)  Ni  grains,  goo  (mN/ml  is  the  energy  at 
about  20  deg  of  misorientation.'" 

The  existence  of  dislocation  cells,  as  well  as  the  oc¬ 
currence  of  cell  rotations  in  samples  subjected  to 
stresses  as  great  as  their  ultimate  tensile  stress  are 
phenomena  which  correspond  well  with  the  findings  of 
other  studies.  Langford  and  Cohen3'1  in  their  experi¬ 
ments  with  heavily  deformed  iron  wire,  discovered  that 
cells  had  formed  and  were  present  in  samples  which 
underwent  as  much  as  a  99.9  pet  reduction  in  their 
original  cross-sectional  areas.  They  found  misorien- 
tations  between  cells  of  about  15  to  20  deg.20  In  a  micro- 
structural  analysis  of  severely  drawn  iron  wires,  Lang¬ 
ford  and  Cohen  found  that  there  were  varying  values 
and  distributions  for  angles  of  misorientation,  which 
were  related  to  the  degree  of  work-hardening.  A  statis¬ 
tical  variation  in  the  strength  of  boundaries  was  ob¬ 
served.  Thus,  there  are  sub-boundaries  whose  angles 
ol  misorientation,  or  strengths,  are  approximately  the 
same  as  those  of  typical  grain  boundaries.  Their  work 
was  also  evidence  for  an  increase  in  width  of  the  dis¬ 
tribution  of  angles  of  misorientations  with  increasing 
wire  drawing  strain.  At  a  true  strain  of  7  the  authors 
found  that  cells  and  grains  were  indistinguishable. 

The  physical  limitations  of  this  in-sitn  HVEM  study 
were  due  to  the  small  cell  sizes.  It  has  not  been  pos¬ 
sible  to  determine  the  exact  distibution  in  angular  mis¬ 
orientation.  Langford  and  Cohen  have  stated  that  their 
approach  may  lie  applied  to  cell  sizes  of  50  nm  if  the 
accelerating  voltage  was  about  1100  kV.'"  The  mini¬ 
mum  cell  sizes  they  studied  were  0.1  pm.  at  an  ac¬ 
celerating  voltage  of  800  kV.  The  20  nm  cell  siz.c  seen 
in  this  effort  did  not  allow  for  such  an  eloquent  study. 

Consider,  then  the  case  of  one  boundary  separating 
two  volume  elements  that  are  rotated  about  a  common 
axis.  The  incorporation  of  dislocations,  which  ha ve 
sheared  the  adjacent  volume  element,  into  the  bound¬ 
ary  continues  to  increase  the  relative  misorientation 
ol  the  boundary. 

/•',  is  defined  as  the  energy  of  fracture  necessary  for 
decohesion  across  this  or  any  interface.  For  a  metal 
ol  single  phase,  this  is  merely  equivalent  to  the  energy 
ni  adhesion  given  by: 

I' i  2-)  ,  -  1 1 1 

where  >s  is  the  surface  energy  and  1 1,  is  the  energy  of 
the  interface  or  boundary  under  discussion.  For  per¬ 
iod  registry  ol  contacting  surfaces.  ) /,  0.  represent¬ 

ing  the  trivial  case  where  the  work  necessary  to  cause 
Iracture  is  equal  to  the  surface  energy  of  the  new  sur- 
laces  created.  It  is  apparent  that  the  increase  in  > 
that  results  during  cell  rotation  lowers  the  amount  of 
work  necessary  lor  Iracture,  or  decohesion  of  the 
Ixiundary  involved,  to  occur.  Therefore,  at  high  stress 
levels  the  Ixiundary  having  the  largest  value  of  )  i,  is  a 
preterred  site  lor  microcrack  nuelcation.  Thus,  it  is 
seen  that  initial  crack  formation  at  sub-boundaries 
will  be  energetically  favored  over  any  impurity -free 
interlace  chosen  within  the  cell.  It  is  not  surprising 
that  crack  initiation  should  take  place  at  cell  walls  in 
the  absence  ol  second  phase  particles,  when  one  con¬ 
siders  the  rorres|x>nding  decohesion  energy  for  frac¬ 
ture.  1  .  K.  Murr  has  tabulated  ratios  of  the  grain 
boundarv-to-solid  v.qxir  tree  energy."1  Values  range 
I rom  about  0.25  to  0.45.  and  were  taken  at  relatively 
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high  temperature.  This  suggests  that  the  energy  for 
fracture  may  be  reduced  by  as  much  as  25  pet. 

To  the  above  simple  considerations,  it  may  be  added 
that  the  degree  or  relative  misorientation  which  the 
crystal  is  able  to  accommodate  before  failure  occurs, 
is  somewhat  dependent  upon  the  strain  rate  imposed  on 
the  sample.11  However,  these  variations  will  probably 
only  be  of  importance  to  dynamic  shock  loading,  which 
is  not  being  considered  here. 

Having  studied  the  relative  energetics  of  crack  in¬ 
itiation  at  sub -boundaries,  the  expected  position  of 
these  boundaries  with  respect  to  the  test  sample  may 
be  examined.  It  is  as  a  consequence  of  the  dynamics 
of  dislocations  describing  this  event  that  the  largest 
dislocation  motion  causing  an  increase  in  the  energy  of 
the  boundary  will  occur  along  the  predicted  shear  band. 
This  is  necessarily  due  to  the  fact  that  dislocation  mo¬ 
tion  during  plastic  deformation  is  largely  dependent 
upon  shear  stresses.  Thus,  once  nucleated,  a  crack 
propagating  along  the  shear  band  is  actually  preceded 
by  other  microcracks  which  are  at  the  same  time  nu¬ 
cleating  at  sub-boundaries  just  ahead  of  the  crack 
front.  This  phenomenon  has  been  substantiated  by  the 
findings  of  other  investigators,  who  report  cracks 
opening  along  the  shear  band  at  the  same  time  and 
ahead  of  the  primary  crack.11’12 

One  can  identify  the  nature  of  the  stresses  that  are 
present  at  fracture  by  close  inspection  of  the  edges  of 
the  crystal  in  Fig.  1  where  one  sees  the  "triangular'’ 
appearance  of  cells.  Irregularly  shaped  cells  indicate 
that  relaxation  has  not  yet  occurred  in  these  areas. 

Models  that  have  been  used  to  explain  crack  forma¬ 
tion  due  to  twins  are  based  on  stress  concentrations 
due  to  dislocation  pile-ups  at  obstacles  such  as  a 
grain  boundary,12’13  twin  boundary:11  or,  due  to  the  in¬ 
tersection  of  two  twins,13'17  due  to  the  combination  of 
the  slip  dislocations  producing  no  (001)  dislocations18 
or  finally,  due  to  a  reaction  between  emissary  slip 
dislocations. 111  Additional  models  describe  cleavage 
as  the  result  of  the  fracture  of  a  deformation  twin30’51 
or  explain  that  failure  occurs  as  a  result  of  a  shock 
wave  which  is  radiated  when  a  twin  strikes  an  obsta¬ 
cle.32 

Here  again  one  suspects  that  the  decohesion  of  the 
twin  boundary  initiates  a  crack.  This  occurrence  may 
be  described  as  a  pseudocleavage  crack  in  that  it  may 
occur  in  an  abrupt  fashion.  Decohesion  of  the  energeti¬ 
cally  favored  boundary  can  occur  at  a  speed  limited 
only  by  the  rate  of  propagation  of  the  last  dislocations 
which  are  incorporated  into  the  boundary,  providing 
the  minimum  energy  for  decohesion  at  the  boundary  in¬ 
terface. 

An  initial  crack  has  now  been  formed,  and  the  link¬ 
ing  of  microcracks  formed  at  sub-boundaries  may  be 
described  either  by  the  movement  of  a  large  number 
of  vacancies  from  nearby  boundaries  (as  a  reaction  to 
large  stress  fields)  or  by  dislocation  activity.  Previ¬ 
ous  studies  have  implied  that  dimple  density  or  crack 
spacing  is  dependent  upon  strain  rate.3  This  may  sug¬ 
gest  a  vacancy  mechanism,  but  it  is  most  probably  due 
to  a  strain  rate  dependency  of  the  cell  size. 
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The  presence  of  twins  in  these  crystals  is  directly 
related  to  their  ultimate  tensile  strength.  The  iron 


whiskers  examined  in  this  study  exhibited  ultimate  ten¬ 
sile  stresses  as  high  as  109  Pa  at  room  temperature. 
Similar  values  of  fracture  stress  have  been  reported 
by  Allen,  el  al  for  iron  single  crystals  of  99.96  pet 
purity,  which  failed  by  cleavage  at  low  temperatures.33 
Allen  further  observed  the  same  range  of  nucleating 
stress  for  twins  at  low  temperatures  as  has  been  ob¬ 
served  in  this  effort.  This  is  important  because  twin- 
n.  ’.g  in  bcc  metals  at  room  temperature  has  previously 
been  reported  only  in  substitutional  solid  solution  al¬ 
loys  where  a  low  stacking  fault  energy  exists  and  has 
generally  been  associated  with  the  nucleation  of  defor¬ 
mation  twins  by  some  investigators.31  It  appears  then 
that  twinning  in  these  crystals  may  obey  a  critical  re¬ 
solved  shear  stress  law. 

The  crystallographic  character  of  fracture  planes 
displayed  by  the  single  crystals  upon  failure  inherently 
depends  upon  dislocation  processes  leading  to  fracture 
and  hence  arises  from  substructures  which  have  evolved 
during  deformation.  These  fracture  modes  remain  at 
all  times  microscopically  crystallographic  often  giving 
rise  to  fracture  geometries  which  appear  even  macro- 
scopically  crystallographic.  Clearly,  these  crystals 
are  not  failing  due  to  a  simple  shear  process.33 

Characterization  of  the  deformation  history  preced¬ 
ing  fracture  of  these  crystals  has  revealed  that  the 
geometry  of  reduction  in  area,  as  well  as  the  work¬ 
hardening  rates  of  these  crystals  are  dependent  upun 
the  number  of  active  slip  systems.29  On  the  other  hand, 
the  whiskers'  geometry  of  reduction  in  area,  a  pre¬ 
dictable  property  of  crystal  orientation,  is  independent 
of  elongation  rate,  unlike  slip  trace  depth.29  The  rota¬ 
tional  behavior  observed  is  reminiscent  of  that  found 
in  the  formation  of  bcc  textures.30  Specifically,  it  is 
observed  that  as  a  consequence  of  the  activation  of 
slip  systems  having  (111)  Burgers  vectors,  the  once 
highly  oriented  sample  displays  much  streaking  of  dif¬ 
fraction  maxima  about  a  (111)  texture  axis. 

The  evolution  of  dislocation  structures  necessary  to 
accommodate  the  geometric  reduction  in  area  is  such 
that  small  volume  elements  form.  These  volume  ele¬ 
ments,  although  too  small  to  be  resolved  by  simple 
X-ray  diffraction  techniques,  are  directly  observed  in 
the  HVEM  to  be  dislocation  cell  structures  that  exist 
throughout  the  late  deformation  stages  and  fracture  it¬ 
self.  Since  the  geometric  reduction  in  area  is  uniform 
despite  any  possible  variations  in  strain  rate,  then  the 
accommodation  of  large  strains  as  well  as  the  reduc¬ 
tion  in  area  must  be  determined  by  the  movements  of 
dislocations  on  the  order  of  distances  equal  to  those 
of  the  dislocation  cell  size.  In  addition,  since  sharp 
straight  chisel  edges  are  not  observed  in  the  fractured 
ends  of  the  crystal,  but  rather  very  ragged  edges,  this 
implies  that  microstructures  present  in  the  neck  of  the 
crystal,  specifically  boundaries  and  microtwins,  pro¬ 
vide  initiation  sites  for  fracture.  Detailed  diffraction 
analysis  has  demonstrated  that  considerable  misorien¬ 
tation  between  dislocation  ceils  exists  as  a  result  of 
deformation.  Thus,  voids  initiating  late  in  the  stages 
of  ductile  fracture  initiate  due  to  decohesion  at  high 
angle,  high  energy  sub-boundaries  and  twin  boundaries 
as  has  been  observed  in  the  HVEM.30’37  The  presence 
of  precipitate  particles  therefore  is  a  sufficient  but  not 
a  necessary  condition  for  ductile  fracture  initiation. 

Since  the  completion  of  this  investigation,  microcrack 
formation  al  cell  walls  has  also  been  observed  directly 
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in  the  HVEM,  in  single  crystal  Be,30’”  giving  further 
support  to  the  conclusions  of  this  study.  In  Be  (hep), 
the  stacking  fault  energy  is  lower  than  that  found  in 
ct-Fc  (bcc)  and  one  would  expect  larger  cell  sizes. 
These  larger  cell  sizes  are  clearly  advantageous  in 
the  HVEM  in  that  they  allow  for  better  imaging  of  hi- 
situ  crack  initiation  at  the  lower  magnifications  neces¬ 
sary  for  iii-siiu  experiments.30’57  In  addition,  T.  Imura 
has  shown  microcrack  initiation  at  cell  walls  in  a 
movie  on  in-situ  plastic  deformation  of  iron  (Ref.  58) 
and  H.  Fujita  has  communicated  the  occurence  of  simi¬ 
lar  phenomena  in  aluminum.5''  It  is  apparent,  then,  that 
the  process  of  decohesion  at  sub-boundaries  is  funda¬ 
mental  to  the  mechanism  of  mechanical  failure  of 
heavily  workhardened  pure  metals. 
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